The deformation microstructure of austenitic Fe18Cr-(10-12)Ni (wt pct) alloys with low stacking fault energies, estimated by first-principles calculations, was investigated after cold rolling. The e-martensite was found to play a key role in the nucleation of a¢-martensite, and at low SFE, e formation is frequent and facilitates nucleation of a¢ at individual shear bands, whereas shear band intersections become the dominant nucleation sites for a¢ when SFE increases and mechanical twinning becomes frequent.
Metastable austenitic stainless steels are of high technical interest due to their pronounced work hardening behavior, providing an attractive ductility in combination with their inherently high corrosion resistance. Part of the high work hardening is due to the deformation-induced martensitic transformation (DIMT), which has been the subject of extensive research in commercial steels. [1] [2] [3] [4] Experimental research considering the microstructure of carefully tailored model alloys that can more directly be compared with theoretical predictions of stacking fault energy (SFE) using, for instance, first-principles calculations [5] and thermodynamics-based modeling [6] is, however, more scarce in the literature. The body-centered cubic (bcc) martensite (a¢-martensite, hereinafter referred to as a¢) has been claimed to contribute most to the mechanical properties of these alloys, but also the hexagonal close-packed (hcp) martensite (e-martensite, hereinafter referred to as e) is important since it is known to contribute to the nucleation of the a¢ as well as the mechanical properties. Consensus has not been reached about this to date. Two transformation sequences of the a¢ have been reported: (i) c (austenite, face-centered cubic(fcc)) fi e fi a¢ and (ii) c fi a¢, [3, [7] [8] [9] and it is today generally accepted that e can be a transient phase, [10, 11] but it is not a necessary precursor for a¢. [12, 13] Furthermore, it is likely that the transformation sequence differs with the variation of chemical composition, temperature, and strain rate, [14] and that it can be related to SFE and the austenite stability. [15] Clearly, the discussion about the existence of a transient phase relates to the nucleation and growth of a¢. In the most commonly applied model of DIMT, [7] intersections of shear bands (SBs, consisting of bundles of intermixed faults, twins, and e [16, 17] ) are assumed to be the preferred nucleation sites for a¢, [18] but it has also been shown that nucleation at individual SBs, [19] [20] [21] [22] [23] grain boundaries, [24] and SB-grain boundary intersections [3] may occur. Another interesting aspect of nucleation of deformation-induced martensite is the suggested difference between stress-assisted and strain-induced nucleation. [7] Perdahcioglu et al. [25, 26] have suggested that the main effect of the deformation is the additional mechanical driving force and that the strain, possibly generating potent nucleation sites, is not very important for DIMT. This hypothesis was supported by the modeling in Das et al. [27] who showed that a majority of the literature data relating plastic strain and a¢ could be described by considering the stress effect, including strain hardening, alone.
The brief survey presented here shows that further investigations are needed to improve our current understanding of deformation of austenitic stainless steels and in particular the deformation-induced nucleation of martensite. Thus, in the present work we utilize a combination of electron channeling contrast imaging (ECCI) and electron backscatter diffraction (EBSD) [19, [28] [29] [30] [31] to develop a more quantitative view of deformation-induced nucleation of martensite in austenite with different stabilities and SFEs. The deformation behavior was investigated in ternary Fe-Cr-Ni model alloys with varying nickel contents to incrementally control the austenite stability.
The alloys were produced using arc-melting of pure iron (>99.99 wt pct purity), chromium (>99.99 wt pct purity), and nickel (>99.98 wt pct purity). The chemical compositions of the alloys, their lattice parameters, and calculated SFEs are given in Table I . All alloys were melted four times followed by compressive deformation and homogenization at 1423 K (1150°C) for 12 hours in Ar atmosphere. The final disk-shaped samples were obtained by cold rolling. The samples were then austenitized at 1323 K (1050°C) for 5 minutes followed by quenching in brine. Finally, the samples were cold rolled to 10, 20, and 30pct reduction and characterized using EBSD and ECCI in a JEOL 7800F field emission scanning electron microscope (FESEM). More details about the experimental procedures can be found in our previous work. [32] The SFEs were evaluated using the axial nextnearest-neighbor Ising model [33] :
, and F fcc (T) are the free energies of the ideal hcp, double hcp (dhcp), and fcc structures, respectively. The volumes per atom of the ideal hcp and double hcp (dhcp) structures are the same as for the fcc structure, implying that only the fcc volume needs to be known. The latter was taken from the experimental data for the particular alloys investigated in this work (see Table I ). The self-consistent density functional theory total energy calculations were done by the exact muffin-tin orbital (EMTO) method combined with the coherent potential approximation (CPA) to treat the electronic structure of random atomic configurations. [34, 35] The finite temperature magnetic state for all elements was treated with the account for longitudinal spin fluctuations in the disordered local moment state.
[36] The electronic single-particle excitations were described via the Fermi function. The alloys' free energies have been determined as described in Reference 37. The total energies were calculated in the generalized gradient approximation. [38] All the self-consistent EMTO-CPA calculations were performed for the orbital momentum cut-off of l max =3 for the partial waves. The integration over the Brillouin zone was done using 31 9 31 9 31, 31 9 31 9 19, and 31 9 31 9 9 grid of k-points determined according to the Monkhorst-Pack scheme for fcc, hcp, and dhcp, respectively. [39] The accuracy of the CPA has been checked in the corresponding locally self-consistent Green's function (LSGF) calculations. [40, 41] The EMTO-LSGF method has also been used to determine the parameters (on-site screening constants a scr and b scr ), describing the contributions of screened Coulomb interactions to the one-electron potential of an alloy component and to the total energy within the single-site formalism. [42, 43] The calculated on-site screening constant a scr varies with the structure but slightly with alloy composition, lattice parameter, and temperature. For the fcc structure, a scr is equal to 0.725, 0.777, and 0.824 for Fe, Cr, and Ni, respectively, while b scr is about 1.14.
The calculated SFEs for the investigated alloys are presented in Table I . It can be seen that the 18-10 alloy has a predicted SFE of 6.6 mJ m À2 and that the SFE increases with increasing Ni to 12.4 mJ m À2 for alloy 18-12. The increasing SFE with increasing Ni is in agreement with previous works in the literature and the values of SFE are also in reasonable agreement with the literature (see, e.g., Reference 44 ). However, it should be noted that accurate measurements and calculations of SFE for complex alloys are a significant challenge. There are no direct ways of measuring the SFE and the reported range of experimental SFEs is large. [45] Furthermore, exact SFE calculations from first-principles are challenging. For example, the accurate calculation of the finite temperature lattice parameters for austenitic steels is not trivial due to difficult considerations of their finite temperature state. [46] In the present work, the measured lattice parameters for each alloy were used and this is deemed more appropriate for the estimation of SFE of real alloys. On the other hand, the effect of N and C was not included in the calculations and has not been included in other works either. The C and N contents of the experimental alloys are low, but it could still cause an underestimation of the SFEs since small additions of N are most likely increasing the SFE, whereas the effect of C should be quite small. [45] It should also be mentioned that by using the measured lattice parameters in the calculations, the effect of C and N is indirectly accounted for in the present calculations by the changing lattice parameters, since at least at small concentrations of C and N, one can expect that the main effect of these interstitials on the SFE is due to the increase of the lattice parameter. Figure 1 illustrates the deformation structure of alloy 18-10 after 10 pct reduction. Even at a low degree of deformation, small units of a¢ are found inside individual SBs and at their intersections. Moreover, a¢ is also found to grow into the austenite matrix, but the growth is restricted by several adjacent SBs and thus a blocky-type martensite (hereinafter referred to as blocky a¢) (Figure 1(c) ), similar to the structure observed by Weidner [28] and Lecroisey, [18] is seen. These observations illustrate that the austenite stability in alloy 18-10 is so low (illustrated in our previous work [32] ) that the local stress produced by the small units of a¢ within SBs supposedly triggers martensitic transformation nearby and even an autocatalytic process between adjacent sets of SBs yielding the blocky a¢ (Figure 1(c) ). [18, 47] Inside individual SBs, most of the structure apart from a¢ is e (indicated in Figure 1(a) and (b) ). It could be explained that, with rather low SFE, stacking faults (SFs) tend to overlap on every second {111} plane, thus reducing the total energy of these bundles of SFs for forming e phase. The nucleation sites for a¢ in alloy 18-10 are mainly individual SBs (inset of Figure 1(c) ), similar to the observations on a 301 commercial steel, [23] where the presence of e has been reported to reduce the activation energy for a¢ nucleation. [29] Figure 2(a) shows the deformation structure of alloy 18-10.5 after 10 pct reduction. Similar to alloy 18-10, though there are no clear intersections of SBs in this grain at the early stage of deformation, the formation of a¢ within individual SBs could be observed. However, there is little blocky a¢ observed growing into the austenite region as in alloy 18-10 due to the increase of SFE through the addition of Ni. [29] When further increasing the Ni content to 11 wt pct, another type of SBs appears in the microstructure (Figure 2(b) ). Apart from the SBs consisting of small units of a¢ that were observed in the previous two alloys, SBs consisting of mechanical twins (see additional inverse pole figure (IPF-a//R.D. and IPF-b//R.D.) in Figure 2(b) ) are now more prominent in the deformation structure. As SFE rises, the transformation mechanism begins to change from c fi e fi a¢ to c fi c twin fi a¢, since mechanical twins become thermodynamically more favorable with increasing Ni addition. [29, 48, 49] Although it has been reported that mechanical twins could be the nucleation sites for a¢, [20] it should be noted that individual twins without the help of e cannot be the preferential area for a¢ nucleation as observed (see phase map in Figure 2(b) ). However, individual SBs consisting of e, twins, and SFs can be the nucleation sites for a¢ at the area where e forms (indicated by yellow circle in Figure 2 ). For alloy 18-11.5 with 10pct reduction, the deformation structure appears quite similar to the one of alloy 18-11 but with less SBs.
The deformation structure of alloy 18-11.5 with 30pct reduction is shown in Figure 2(c) . Here all a¢ (see inset of Figure 2 (c)) nucleates at intersections of SBs in agreement with the commonly accepted nucleation theory. [7, 18] Combined with the observations of nucleation sites for DIMT in alloys 18-10, 18-10.5, and 18-11, it implies that intersections of SBs are more favorable than individual SBs since the ''doubly faulted'' intersected volumes are almost true bcc structures. [7, 50] However, with rather low austenite stability and the existence of e, it is not necessary to form at the intersections, and since the available nucleation sites for a¢ within individual SBs are much greater that those at the intersections, nucleation at parallel bands is dominant for alloys with low SFE, e.g., alloy 18-10 in this work or 301 steel in Naraghi et al. [23] Similar phenomena have also been observed by Martin et al. [19, 29, 51, 52] ; however, the mechanism was not explained. A simple explanation of this phenomenon would be the much lower activation energy for a¢ formation from e [29] which is the preferentially formed phase at low SFE during deformation. Figure 3 shows the deformation structure of alloy 18-12 subjected to 10pct reduction. There are almost no a¢ or e formed at this low degree of deformation. Instead, mechanical twinning is the dominant deformation mode (Figure 3a and b) (indicated by white arrows). It has been verified that twin intersections are preferred nucleation sites when mechanical twinning is the main deformation mechanism [16, 20] ; however, at low degree of deformation in the absence of e, a¢ did not nucleate in the most stable alloy studied in this work. It should be noticed that for more severe deformation, when individual SBs are sometimes distorted or sheared, a¢ can form (white arrows in Figure 3(c) ).
It has been demonstrated that ECCI combined with EBSD provides excellent insight into the deformation structure of Fe-Cr-Ni ternary alloys with the possibility to study large fields of view for good statistics. The e is proved to play an important role in the deformation-induced a¢ martensitic transformation, especially making the nucleation at individual SBs possible. Without the help of e, individual SBs consisting of only SFs and/or mechanical twins cannot facilitate a¢ formation; instead, intersection of SBs is required to lower the barrier for nucleation of a¢.
The nucleation sites of a¢ and the deformation structure are related to the Ni composition and the SFE. Their relationship, at early stages of deformation, is summarized in Figure 4 . For the rather unstable alloys with 10 wt pct Ni, and an estimated SFE of 6.6 mJ m À2 , blocky a¢ can form between adjacent sets of SBs, which indicates quite unstable austenite. Stacking faults, e, and a¢ are found within these SBs, and for these alloys nucleation at individual SBs is frequently observed apart from that at intersections of SBs. For the more stable alloy with a higher nickel content between 11 and 11.5 wt pct (SFE estimated to be between 9.6 to 9.8 mJ m À2 ), mechanical twins are more thermodynamically favorable during deformation and nucleation of a¢ at 18-12. individual SBs is less frequent. This is due to the lower fraction of e, since a¢ usually nucleates along e where less activation energy is needed for its nucleation. For the alloy with the highest nickel content, i.e., the 12 wt pct Ni (SFE estimated to be 12.4 mJ m À2 ), only mechanical twins and SFs are found inside individual SBs with almost no a¢. Further deformation may lead to the formation of some a¢ at the intersections of SBs and in some highly deformed areas.
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